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Nanoscale abnormal grain growth in (001) epitaxial ceria
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X-ray reciprocal-space mapping and atomic force microscopy (AFM) are used to study kinetics and mecha-
nisms of lateral grain growth in epitaxial (001) ceria (CeO,) deposited by pulsed laser deposition on (001)
yttria-stabilized zirconia (YSZ) and (1210) (r-cut) sapphire. Rate and character of the grain growth during
postannealing at 1050 °C are found to be strongly dependent on the type of the epitaxial substrate. Films
deposited on YSZ exhibit signatures of normal grain growth, which stagnated after the lateral grain size
reaches 40 nm, consistent with the grain-boundary pinning by the thermal grooving. In contrast, when r-cut
sapphire substrate was used, abnormal (secondary) grain growth is observed. A small population of grains grow
to well over 100 nm consuming smaller, <10 nm, grains, thus forming well-defined >100 nm large (001)
terminations and rendering the sample single-crystalline quality. The grain growth is accompanied by reduction
in lateral rms strain, resulting in a universal grain size—rms strain dependence. Analysis of the AFM and x-ray
diffraction data leads to the conclusion that bimodal initial grain population consisting of grains with very
different sizes is responsible for initiation of the abnormal growth in (001) CeO, films on r-cut sapphire. Due
to different surface chemistry, when a YSZ substrate is used, the initial grain distribution is monomodal,
therefore only normal growth is active. We demonstrate that a 2.2° miscut of the sapphire substrate eliminates
the large-grain population, thus suppressing abnormal grain growth. It is concluded that utilization of abnormal

grain growth is a promising way for synthesis of large (001) ceria terminations.
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I. INTRODUCTION

Cerium oxide films find various applications as a
catalyst,'=3 a template layer for epitaxial growth of complex
oxides, and a diffusion barrier. In many applications, CeO, is
deposited as a thin (<0.1 wm) epitaxial layer on an appro-
priate substrate. If a (001) film is used as an epitaxial tem-
plate, it is desirable to have a film with well-defined (001)
surface termination. For example, (001)-oriented ceria layer
is now widely used as a template for growth of a thick ori-
ented layer of high-temperature superconductor, YBa,Cu;0-,
which is a critical component of the so-called second-
generation superconducting wires. A template with low den-
sity or small (001) terminations would provide a low density
of nucleation sites for the YBa,Cu;O; phase. As a conse-
quence, other undesirable phases would be allowed to nucle-
ate, reducing the structural quality of the film.*

The atomic arrangement on (001) face of ceria is such that
the surface energy is approximately two times higher than
the other low-index faces: (111) and (110). The high energy
of the (001) face has been theoretically explained by weak
bonding of the O~ ion to (100) surface,>® which has been
confirmed experimentally.” Given the difference in surface
energies of low-index faces, a Wulff construction®? predicts
that at equilibrium a ceria crystal would take the shape of a
truncated octahedron with (111) planes being the primary
terminations and (001) planes truncating the octahedron
vertices.!” A Wulff construction becomes inaccurate on the
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nanoscale level because the atomistic nature of crystal faces
starts to play a significant role in the energy balance and
packing corrections have to be introduced. Corrected Wulff
plots for 10*~10° atom clusters of a model cubic material
were calculated by Marks:!! it was shown that the surface
fraction of (001) terminations gradually disappears as the
cluster became smaller than 10° atoms. Indeed, it was ob-
served that unsupported ceria particles less than 10 nm in
diameter were (111) terminated octahedra with no (001)
truncations.'” The tendency for (111) termination of small
ceria grain was also recognized in epitaxial (001) films: in
films with small lateral grain size the surface was comprised
of pyramidlike (111) facets.'>!* Contrast between (100) and
(111) ceria orientations has been emphasized by Wu et al.,'*
who compared CeO, epitaxy on (001) and (111) faces of
yttria-stabilized zirconia (YSZ) single crystals. Films depos-
ited on (111) YSZ face exhibited excellent flatness and crys-
tallinity, while (001)-oriented films deposited under the same
conditions on (001) YSZ face were invariably small grained
and rough.

The termination problem in thin films can be traced to a
small lateral grain size of ceria, which is explained by the
very low free energy (—880 kJ/mol) of CeO, formation and,
consequently, a high nucleation rate under typical physical
vapor deposition conditions. Due to the very high melting
temperature T,, of ceria (2600 °C), a practical deposition
will be possible at a temperature well below 0.57,,. Accord-
ing to Thornton,'” this is the so-called “zone 7" deposition
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regime, which produces films with small faceted grains. An
as-deposited film can be postannealed to increase the grain
size, improve the structural quality, and produce desired
(001) terminations. Jacobsen et al.'> have shown that the
annealing step is capable of transforming at least some grains
with (111) terminations into ones with (001) terminations. It
was observed by Zaitsev et al.'® and Develos-Bagarinao et
al.'7 that CeO, on r-cut sapphire had much better out-of-
plane alignment than CeO, films deposited under similar
conditions on better-matched substrates such as YSZ,!4
SrTiOs,'® Ge,'” or MgO,? suggesting that the sapphire sub-
strate promoted lateral grain growth. It was also demon-
strated that even initially small-grained CeO, film deposited
on r-cut sapphire can be annealed into single-crystalline-like
quality. This is especially surprising considering that r-cut
sapphire surface has a large lattice mismatch with CeO,:
3.7% and 12.1% along [1101] and [1120] directions, respec-
tively, at room temperature and 4.1% and 12.4% at 1000 °C.
However, Chromik ez al.?! observed that the effect can vary
significantly from one batch of sapphire substrates to an-
other, implying that the substrate surface is responsible for
the anomalous structure improvement.

In this work we use x-ray reciprocal-space mapping to
explore the dynamics of lateral grain growth in CeO, films
deposited on r-cut sapphire and (001) YSZ. Mapping of (hkl)
reflections allows us to acquire reliable averaged information
about grain structure and strain magnitude and arrive at a
consistent quantitative description of the lateral structure.
The work complements earlier microscopy studies of similar
samples.'3?? The goal is to understand how one can synthe-
size ceria and possibly other refractory oxide films, with
large grains and well-defined (001) terminations.

II. EXPERIMENT

Cerium oxide films were deposited using a large-area
pulsed laser deposition system. The films were deposited on
r-cut sapphire and (001) YSZ at two substrate temperatures,
700 and 650 °C. The system was equipped with a KrF exci-
mer laser source (248 nm wavelength, Lambda Physik Com-
pex LPX 305i) operated at a repetition rate of 10 Hz and
pulse energy of 600 mJ, which yielded an average deposition
rate of ~0.5 nm/min. The processing atmosphere consisted
of 175 mTorr partial pressure of oxygen. After deposition the
samples were annealed in air at 1050 °C for periods of time
ranging from 10 min to 2 h.!” The sample surface roughness
was analyzed by atomic force microscopy (AFM) in ambient
atmosphere using Asylum Research MFP-3D-BIO atomic
force microscope.

X-ray reciprocal-space mapping was chosen as a primary
method for determining the lateral structure of these films.
Figure 1 shows approximate locations of the reflections used
in this work with respect to the film surface and directions of
three principal scans: 26, ¢, and w. Each reflection is a three-
dimensional object occupying a part of reciprocal space cen-
tered at the location given by the Bragg diffraction condition
IS|=2 sin(6)/\, where @ is the reflection Bragg scattering
vector S pointing at the reflection maximum. The reciprocal-
space mapping can be described as sectioning of a three-
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FIG. 1. (Color online) Schematic view of the x-ray reciprocal
mapping geometry, showing the scattering vector S, the coordinate
axes, and directions of the principal scans: ¢, w, and 26. Three
reflections (004), (115), and (224), shown as ellipsoids, were
mapped in a plane defined by [001] and [110] directions. The maps
presented in this work are sections of a reflection by 26-w plane.
The lateral grain size and the film thickness are shown as the major
contributors to the reflection broadening.

dimensional reflection by a plane in reciprocal space. Two
planes are commonly used for the purpose: 2 6-w plane, nor-
mal to the film surface and containing S vector, and ¢-w
plane, normal to the S vector, as shown in Fig. 1. During
¢-w or “pole figure” scan, a reflection is sectioned by the
¢-o plane; this provides information on the film texture.
Combination of 26-w scans and mapping the reflection in
20-w plane allow separating normal and lateral strain and
size broadening effects. In this work we present maps which
are sections of ceria reflections by 26-w plane.

In an epitaxial (00]) ceria film only (002) and (004) peaks
can be accessed in the symmetric scattering geometry, i.e.,
when the scattering vector S is normal to the film surface.
More information can be accessed from mapping asymmetric
(hkl) reflections with the S vector tilted at an angle ¢ with
respect to the film normal (Fig. 1). These reflections are im-
portant since the scattering vector S has nonzero lateral com-
ponent S, thus providing insight on the lateral strain of the
film. We have selected three reflections with significantly
different inclination angles: (002), #=0°; (004) #=0°; (115),
$=15.4°; and (224), =35.5°. Mapping these reflections
gives a relatively complete picture of the average film struc-
ture in both lateral and normal directions. Additionally, dur-
ing the scans both incident and reflected beams stay in a
plane defined by [001] and [110] directions. The constant
instrument geometry with no in-plane rotation allows for
quantitative comparison of maps of different reflections and
assures that the instrument function stays constant. In the
following we denote the X direction as one parallel to [110]
of the CeO, layer and the Z direction as one parallel to
[001]. Figure 1 also shows two sources of the reflection
broadening: the film thickness and the lateral grain size were
responsible for the reflections broadening in the Z and X
directions, respectively.

Two film samples studied in this work were deposited on
miscut r-cut sapphire substrates. The substrates were miscut
at angles 2.2° and 5.4° with respect to (1210) direction, so
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that the direction of the slope coincided with the [110] direc-
tion of the CeO, film. The samples had in-plane anisotropy
characterized by the azimuth angle @, ®=0° corresponding
to the S, projection parallel to the slope of the miscut. For
these samples two kinds of maps were recorded, one for ®
=0° (along the miscut direction) another for ®=90° (across
the miscut direction).

Reciprocal-space maps (RSMs) were recorded by a
Rigaku Ultima III x-ray diffractometer equipped with paral-
lel beam x-ray optics.”® Parallel beam optics are capable of
delivering high-intensity x-ray beams with low divergence,
which is critical for mapping asymmetric (hkl) reflections.
The x-ray mirror provided a high-intensity beam with 0.05°
divergence; the divergence slit was set at 3 mm to achieve
full sample illumination at the lowest x-ray source elevation
angle [8.9° for (224) reflection]; the antiscatter and receiving
slit were set to 0.5 and 0.25 mm, respectively. This configu-
ration enabled constant resolution and the scattering vector
inclination angle up to 80°. The instrument resolution in the
Y direction (normal to 26-w plane) was limited by accep-
tance of a vertical Soller slit, 0.5° in this experiment. Thus
due to low in-plane resolution the recorded intensity was
effectively integrated in the Y direction, which is a typical
situation for a horizontal-slit diffractometer. The mapping
was performed as a series of w scans at various 26-w angles.
In this geometry the angular resolution of the w scan was
limited by the beam divergence and the slit geometry, 0.05°,
thus remaining independent of 26 angle. To achieve high
intensity and useful count rate, especially for weak (115) and
(224) reflections, we did not use a monochromator in the
incident beam path. A simple estimate shows that the extra
line broadening caused by unfiltered Ka, line for a CeO,
(224) reflection (|S|=9.1 nm™!) would be 0.023 nm~'.
Given an average domain size of 20-30 nm for our film
samples, Ka, line would introduce a significant error in
strain and domain size analysis. Figure 2(A) illustrates the
effect of unfiltered Ka, radiation on a RSM of the (224)
reflection of 20 nm CeO, film on r-cut sapphire. The Ka,
line contribution can be seen as stretching of the central
Bragg peak in the 2 6-w direction; this effect is known as the
spectral spread of a reciprocal-space map.

Because the Ka, broadening is comparable to or less than
the physical line broadening in these samples, a software
deconvolution could be effectively applied to eliminate Ka,
contribution to the reciprocal map profile.>* Dedicated soft-
ware utilizing a fast Fourier transform algorithm has been
developed in the MATLAB interpreter. The program dissected
the map into a series of 26-w scans and the deconvolution
procedure was applied to each scan using the instrument
function consisting of two Lorentzians with 0.05° width at
wavelength corresponding to K«; and Ka, lines, Ka, being
50% of Ka, intensity. Finally the deconvoluted map was
reassembled from the individual scans. Figure 2(B) illus-
trates the result of the deconvolution procedure applied to the
raw map of a (224) reflection shown in Fig. 2(A). After the
deconvolution procedure has been applied, the Ka, contribu-
tion is suppressed below 1% of the absolute peak intensity,
as indicated by the disappearance of the Bragg peak distor-
tion in the deconvoluted map [Fig. 2(B)]. The 26-w reso-
lution of the method was determined to be 0.07° by record-
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ing the spectrum of CeO, powder annealed for 10 h at
1000 °C in air and applying the deconvolution algorithm.
The combination of parallel beam optics and Ka, deconvo-
lution allowed for fast mapping of even relatively weak re-
flections; on average it took 1.5 h to record a map with
0.01 nm™! resolution at ~0.2% noise level.

A typical map of an (hkl) reflection can be approximated
by an ellipse with the main axis inclined at an angle ¢ with
respect to S, direction. Fewster® identified several factors
that contribute to inclination and shape of an (kl) map of an
epitaxial film: domain size, microscopic tilt, and nonuniform
strain. In a small-grained well-oriented thin film sample,
where only domain size broadening is present, the (224) map
would appear as a horizontal ellipse, {=0°, with the normal
and the lateral diameters of the ellipse being inversely pro-
portional to the film thickness and the average lateral grain
size, respectively. In the other extreme case of a large grain
with large microscopic tilt, the map can be approximated as
a narrow ellipse tilted with respect to S, at {==35.2°, the
major diameter of the ellipse being approximately equal to
|S|8w, where Sw is the microscopic out-of-plane tilt of the
film. In all the intermediate cases, when both the microscopic
tilt and the domain broadening are equally contributing, a
simple geometric argument allows separation of the contri-
butions. Figure 2(B) schematically shows how normal AS;1
and lateral AS;l integral widths of the reflection were deter-
mined from a three-dimensional Bragg peak profile. In the
profile fitting algorithm used in this work the reflection pro-
file was approximated as an inclined ellipse with profile
cross sections along 26-w and w directions approximated by
pseudo-Voigt functions. Both normal and integral half widths
were determined from the approximation of the profile.

The same machine was used for x-ray reflectivity (XRR)
measurements. A smaller divergence slit, 0.05 mm, has been
set to minimize intensity variation at low-angle range. After
the small-angle correction was applied the XRR profile was
analyzed by the MOTOFIT software package.”® The sample
was modeled as a constant-density film on top of a substrate
with the density equal to the theoretical value. The film
thickness, film density, surface, and substrate-film roughness
were the fitting parameters. The software performed the
least-squares regression to extract the roughness and the den-
sity information from the XRR traces.

III. RESULTS

A. Reciprocal-space mapping of 20 nm ceria films on (001)
YSZ and r-cut sapphire substrates

Figure 3 demonstrates the evolution of deconvoluted
RSMs for two extreme cases: (i) a large-grained sample, 20-
nm-thick ceria film on r-cut sapphire, deposited at 700 °C
[Fig. 3(A)] and annealed for 1 h at 1050 °C [Fig. 3(B)]; (ii)
a small-grained sample, 20-nm-thick ceria film, deposited at
650 °C on (001) YSZ [Fig. 3(C)] and annealed for 1 h at
1050 °C [Fig. 3(D)]. The maps are aligned vertically from
the symmetric (004) reflection with zero inclination angle
followed by skewed (115) =15.4° and (224) )=34.5° re-
flections. A film deposited at 700 °C on r-cut sapphire has a
fairly large initial grain size, as indicated by the narrow res-
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FIG. 2. (Color) Result of the Ka, deconvolution of a raw
reciprocal-space map of a (224) CeO, reflection [panel (A)]. The
deconvolution eliminates contribution of K, line, which is respon-
sible for elongation of the map along 2 6-w direction, indicated by a
solid arrow in panel (A). This artifact is easily noticeable in the raw
map [panel (A)] and is reduced by a factor of 10 in the deconvo-
luted map [panel (B)]. The logarithm of the normalized intensity (in
%) was mapped according to the color scale bar on the right. Panel
(B) schematically shows how lateral AS, and normal AS, integral
broadening values were determined from the map and defines angle
of inclination of the reflection ellipse .

olution limited (004) reflection [Fig. 3(A)], however the
Bragg peak is surrounded by a diffuse scattering tail. Upon
examining the maps we notice that Bragg peaks become
broader as we move from the symmetric (004) reflection
with S,=0 nm™' to reflections with nonzero S,, (115) and
(224). On the other hand, the Bragg peak width in the Z
direction remains practically unchanged for all the three
maps. Figure 3(B) shows the effect of 1 h annealing at
1050 °C in air on the same set of RSMs. In these samples
the RSM shape is dominated by lateral inhomogeneous (rms)
strain which causes lateral broadening of tilted reflections
(115) and (224) with nonzero lateral scattering vector com-
ponent S,. The normal direction broadening stayed constant
as §, changed, indicating the low normal strain of the film, as
shown by dotted lines in Fig. 3(B).

Figures 3(C) and 3(D) reflect change in the microstructure
of the 20 nm CeO, film deposited at 650 °C on (001) YSZ
substrate. This figure is an illustration of a map set for a very
small-grained sample: the as-deposited sample has columnar
grain morphology with the lateral grain size smaller than the
film thickness, which is indicated by the elliptical shape of
the maps. By measuring the integral half-width of the Bragg
reflection one can easily infer from maps in Fig. 3(C) that the
as-deposited sample was comprised of 20-nm-long and 10-
nm-wide columnar grains. After the annealing we observed
lateral grain growth and reduction in the lateral rms strain, as
demonstrated by narrower lateral reflections of the annealed
sample [Fig. 3(D)], the lateral grain size approximately
doubled after 1 h annealing. Due to proximity of very strong
YSZ substrate reflections, the (004) and (224) maps con-
tained a trace of the YSZ peak visible as a rod in the upper
half of the map. This is a typical situation we encountered in
CeO, on YSZ system: the grain growth saturated after ap-
proximately doubling the initial grain size.

Bulk ceria has a cubic structure, however the lattice mis-
match and difference in the thermal expansion coefficient

PHYSICAL REVIEW B 80, 104102 (2009)

(001) YSZ
C) As-deposited D) Annealed

R-cut sapphire
A) As-deposited B) Annealed

(004) i " 02
0.1 : : 02
sk | o2 ‘
L S S . 2|
g0 £ 00! A p J
w187 @ ' R —
© 01 | 02 i '

(224) 0.1 ' 02 w |
v=35.3° 0.0 vo@ @
0.1 A o e
D . 2 Gy 8 Sl
040004 0400 01 02 00 02 02 00 02
SS'(nm") SS‘(nm")

FIG. 3. (Color) Reciprocal-space maps of (004), (115), and
(224) reflections of a 20 nm (001)-oriented CeO2 film on r-cut
sapphire and (001) YSZ: (A) as deposited at 700 °C on r-cut sap-
phire, (B) after 1 h annealing at 1050 °C, (C) as deposited at
650 °C on (001) YSZ, and (D) after 1 h annealing at 1050 °C.
Reduction in lateral strainlike disorder broadening and diffuse scat-
tering by the annealing is clearly evident by comparing (224) maps
in panels (A) and (B). Here ¢ is the angle of inclination of the
scattering vector S with respect to the film normal. Dotted lines in
panel (B) show normal and lateral reflection widths in (004) and
(224) reflections. Note that the normal width stays the same, while
the lateral width significantly changes.

between the film and substrate introduce tetragonal distortion
which is detected as a difference between the lattice param-
eters in the directions parallel to (a,) and normal to (a,) the
substrate face. As a result of the film-substrate interaction,
the film can be either coherently strained (mesomorphic) or
relaxed. In a mesomorphic film the lateral lattice constant is
equal to that of the substrate, while in a relaxed or partially
relaxed film it is close to the bulk value. We derived both
lateral and normal lattice constants from the spacings of

A) flat

B) 2.2° miscut
0.2 ' S e

02 ! (004)

5S_(nm™)
S
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-0.2

(224)

0.4 o

1 =4
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FIG. 4. (Color) Reciprocal-space maps of (004) and (224) re-
flections of 20 nm CeO, films deposited on a flat r-cut sapphire
[panel (A)] and on 2.2° miscut substrate [panel (B)]. After the depo-
sition at 700 °C both samples were annealed for 1 h at 1050 °C in
air. For the miscut sample maps of (224) reflection both along (P
=0°) and across (®=90°) the cut slope are presented. Note signifi-
cant lateral broadening of both the (004) and (224) reflections of the
miscut sample, especially in the $=0° direction.
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(004) and (224) planes assuming a tetragonal distortion of
the cubic lattice. Both lattice constants did not change during
the annealing; the seven average values determined
for seven samples of CeO, on sapphire were a,
=0.5439*0.0007 nm, a,=0.5400=*=0.0002 nm; for seven
samples of CeO, on (001) YSZ, a,=0.5432*0.0005 nm,
a,=0.5404 +0.0002 nm. The normal direction lattice con-
stant is close to the bulk value, 0.541 134 nm; there is how-
ever a detectable tetragonal deformation that can be de-
scribed as tensile strain, approximately 0.5%. Similarity in
sign and value deformation was observed by Chen et al.?’
who studied structure of ceria films on YSZ-buffered Si.
Close values of normal and lateral lattice constants suggest
that these films are partially relaxed since the lateral strain,
0.5%, is much less than the misfit value of 5—10 %. High-
resolution transmission electron microscopy (TEM) analysis
of film-substrate interface in similar epitaxial ceria on (001)
YSZ?? films demonstrated that misfit strain in those
samples was relieved by formation of misfit dislocations
with Burgers vector b=%[010], the dislocations being ap-
proximately 5 nm apart.

Other film samples deposited on practically flat (miscut
<0.1°) substrates fall between the two extreme cases of
small- and large-grained samples such as shown in Fig. 3.
Ceria epitaxy exhibited quite different behavior on vicinally
miscut surfaces. Figure 4 compares RSMs for (004) and
(224) reflections for 20 nm film deposited on a flat substrate
and a 2.2° miscut substrate after 1 h of annealing at
1050 °C. For the miscut sample (224) the map was recorded
in two directions: along, ®=0°, and across, ®=90°, the cut
slope. We conclude from Fig. 4 that the lateral grain growth
is suppressed by the miscut, particularly in the direction
along the miscut slope. The grains appear to be extended in
the direction across the miscut slope, acquiring in-plane an-
isotropy. Significant microscopic tilt of ceria grains in the
direction along the slope ($=0°) can be inferred from high
inclination (30°) of the (224) map. Thus, even a miscut as
small as 2.2° substantially degrades the film quality by pre-
venting lateral grain growth and structure improvement by
the isothermal annealing.

B. Evolution of the surface morphology during isothermal
annealing

AFM and XRR were used to obtain information on local
(AFM) and average (XRR) roughness of these films. XRRs
characterize both surface and film-substrate interface rough-
ness. The XRR trace is described by two parts: an angle-
independent part up to the critical angle (for ceria =~0.7°),
followed by a rapid decay of the reflected wave intensity
with superimposed thickness oscillations. The critical angle
value allows the determination of the film density, while the
decaying part contains information on the film surface and
film-substrate interface roughness: higher critical angle cor-
responds to a denser film and slower reflectivity decay cor-
responds to lower roughness. Figure 5 shows the change in
the XRR trace brought about by the annealing of the film (A)
on r-cut sapphire deposited at 700 °C and (B) on (001) YSZ
deposited at 650 °C; these are the same samples used in the
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FIG. 5. (Color online) (A) Evolution of x-ray reflectivity profile
after 1 h annealing at 1050 °C. X-ray reflectivity from as-deposited
and annealed CeO, films (reciprocal maps of these samples are
shown in Fig. 3). Solid line is the dynamic theory approximation
assuming 20 nm CeO, layer on either Al,O3 [panel (A)] or YSZ
substrate [panel (B)].

mapping experiment (Fig. 3). The film as deposited on r-cut
sapphire consisted of very large strained grains with smooth
surface; XRR trace gives very low roughness values of 0.13
nm. According to Fig. 3(B) after the annealing the strain
relaxed; this also increased the film roughness to 0.83 nm
possibly due to formation of grain facets. Film deposited on
YSZ at 650 °C showed an opposite trend. The as-deposited
sample had very high roughness, 2.6 nm; according to AFM,
high roughness resulted from the very small-grain size and
associated (111) faceting of grains, which also correlated
with 10 nm lateral coherence length obtained from RSM
shown in Fig. 3(D). AFM profiles show that after annealing
the roughness improved due to lateral grain growth and for-
mation of flat (001) terminations, which however are smaller
than those of the film on r-cut sapphire.

Table I provides a brief summary of grain size and surface
roughness derived from x-ray diffraction and AFM profiles.
Atomic force microscopy data for the grain size are provided
only for samples with well-defined terminations. Addition-
ally, ceria density was calculated from the XRR critical
angle. The density values of as-deposited and annealed films
obtained from XRR measurements are equal (within 2% ex-
perimental error for the diffractometer used in this work) to
the bulk density of ceria density value of 7.13 g/cm’. We
did not observe statistically significant density change after
the annealing.

One can notice from Table I that deposition at 650 °C
produces equally small-grained samples, 10 nm lateral grain
diameter, on both r-cut sapphire and (001) YSZ substrates.
These samples respond quite differently to the annealing af-
ter 1 h of annealing at 1050 °C ceria on r-cut sapphire has a
lateral grain size approximately four times larger than the
film on (001) YSZ. To understand the mechanism of the
grain growth we have to examine both AFM and x-ray dif-
fraction data in greater detail. AFM profiles shown in Fig. 6
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TABLE I. The surface roughness and the film density determined from XRR profiles; lateral domain size
obtained from reciprocal-space maps and AFM profiles. The density was calculated from the critical angle

values of XRR profiles.

Substrate r-cut sapphire YSZ

Deposition temperature T (°C) 650 700 650 700
Annealing time ¢4 (min) 0 60 0 60 0 60 0 60
XRR density p (g/cm?) 7.1 6.9 7.0 7.2 7.2 6.9 6.9 7.1
XRR roughness ¢ (nm) 33 082  0.13 0.83 2.6 0.8 0.25 0.18
Lateral domain &, (nm) 11.1 957  60.0 105.0 10.5 253 194 4438
AFM grain size d, (nm) 19 240 18

compares effect of isothermal annealing at 1050 °C for 1 h
on the AFM profiles of 20 nm ceria films deposited on r-cut
sapphire [panel (A)] and (001) YSZ [panel (B)]. Addition-
ally, w scans of these samples after the deposition and after
10 and 60 min of annealing are provided for comparison.
Figure 6 provides the evidence that even if the average
initial grain size in these samples is almost the same, the

A) r-cut sapphire

B) YSZ

CeO, on r-Sapph. Ce0, (001) YSZ

-
[

S 0Omin

10 min [ &

Intensity(cps.)
8&)

10°
10" : :
34 35 36 34 35 36
o(deg.)

FIG. 6. (Color) Effect of annealing at 1050 °C for 1 h on AFM
profiles of 20 nm CeO, films on r-cut sapphire [panel (A), left] and
(001) YSZ [panel (B)]. Note the lateral scale difference between the
upper and bottom AFM profiles. The bottom panel shows corre-
sponding  scans of the (004) reflection. The solid lines are pseudo-
Voigt approximations. For the ceria on r-cut sapphire sample [panel
(A)], the best fit is a two-component curve, which is the evidence of
a bimodal grain-size distribution. Grain-size distribution in the ceria
on YSZ sample [panel (B)] is well described by a monomodal
approximation.

grain-size distribution is quite different and it is this param-
eter which is most likely responsible for the difference in the
growth mode. Side by side comparison of surface morphol-
ogy of 20 nm films on r-cut sapphire [Fig. 6(A)] and YSZ
[Fig. 6(B)] shows that the film on r-cut sapphire contains a
small number of abnormally large grains, while ceria on YSZ
exhibits mostly monomodal grain-size distribution. Trans-
verse (w) scans of (004) reflection of as-deposited films of-
fers no evidence of bimodal grain population. However, after
10 min of annealing w scan of ceria on r-cut sapphire be-
comes distinctly bimodal, while YSZ sample stays mono-
modal. Indeed, the w scan of (004) reflection of YSZ sample
can be approximated by a single-width pseudo-Voigt func-
tion with the coefficient of determination R>=0.99. A single-
width pseudo-Voigt function can only approximate the w
scan of the sapphire sample to the level of R*=0.97. To
achieve a value of 0.99 we have to implement a two-curve
approximation, one with dw=0.2° and another with dw
=0.78°. This suggests existence of at least two grain popula-
tions with the average grain sizes of 54 and 13 nm, smaller
grains being slightly misaligned with respect to the larger
ones.

Finally, after 1 h annealing, large faceted grains with flat
tops appear on the surface of the sample deposited on r-cut
sapphire, with the average facet height of 3 nm. Develop-
ment of a large-grain structure after 1 h annealing causes
sharpening of w scan of the sample [Fig. 6(A)]. The lateral
coherence length of 95 nm, determined from RSM, corre-
lates with the apparent grain size in Fig. 6(A), indicating that
large grains are indeed single crystals. Surface features in the
AFM profile [Fig. 6(B)] are much larger than the actual grain
size obtained from the rms analysis. The AFM line profile of
this sample shows mostly rounded surface terminations, in-
dicating that 100-200 nm wide apparent “grains” in the
lower AFM profile [Fig. 6(B)] are actually conglomerates of
much smaller subgrains.

IV. ANALYSIS OF THE LATERAL STRUCTURE

In the reciprocal mapping experiment we measure the in-
tensity of the scattered x-ray radiation in the vicinity of
Bragg reflections. We will use kinetic approximation, which
is justified for small-grain (<100 nm) samples. For a crys-
tallite comprised of atoms with scattering factor f, with
structural distortion characterized by the displacement field
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u(x,y,z) the profile of scattered intensity in reciprocal space
is given by the following equation:

1(8)=2 2 fufmexp{=2miS - (r,— 1)}

Xexp{-2miS - (u, —u,,)}, (1)

where S is the scattering vector. Reciprocal-space maps, like
shown in Fig. 3, are sections of the three-dimensional inten-
sity I(S) profile by a plane.

For an infinite undistorted (#=0) crystal Eq. (1) predicts
resolution-limited Bragg peaks when the Laue conditions are
satisfied. According to the classic analysis by Krivoglaz,*
the effect of structure defects on the diffraction pattern of an
infinite crystal depends on how fast the displacement field u
decays as a function of distance from the defect. Small de-
fects with a fast decay of the displacement field (type-I de-
fects), for example, point vacancies with u 1/72, introduce
diffuse scattering halo around the Bragg peak. Type-II de-
fects with slow decay of the displacement field, for example,
dislocations with u o« 1/r, affect the peak shape. Dislocations
breaks an ordered crystal into subgrains, thus introducing
rotational and strain broadening of Bragg reflection
profiles.’!

If the sample is comprised of small grains, the experimen-
tally measured I(S) is a sum of incoherent contributions of
the crystallites. As shown by Guinier,?? if the crystallites are
free of disorder (1=0), the RSMs of all the reflections would
be identical two-dimensional Fourier transforms of the aver-
age crystallite shape. Hence the RSM of a real object would
be a convolution of an unknown shape factor and also un-
known displacement field, produced primarily by type-II de-
fects. The problem can be simplified by assuming that (u,
—u,,) term in Eq. (1) is a Gaussian random variable which
depends on the relative coordinates r,,—r,.>>* In the limit of
small displacements broadening of (00/) Bragg peak induced
by type-II defects in direction j (in our case j is either x or z)
would be proportional to the following product: S (&7.)""2,

where
ui(r;) |?
<s.?,~>=<{‘97fﬁ] > @
J

Here (slz»l)”z (in the following we use a simplified notation
&) is commonly referred to as rms strain tensor. For a poly-
crystalline material Eq. (2) yields the well-known
Williamson-Hall strain broadening formula.> More exact
treatment of dislocation-induced broadening in polycrystal-
line materials, so-called modified Williamson-Hall method,
suggested by Ungar et al.,’®37 takes into account actual dis-
location slip system thus accounting for anisotropic broaden-
ing of (hkl) reflections and allowing for better determination
of domain size and dislocation density. An oriented material
subjected to anisotropic strain broadening of (00/) reflection
in normal direction (z or 26-w scan) is affected by the €,
strain component, and the influence of the off-diagonal term
&,, can be detected by measuring width of the w scan.’®
Predicting shape of a reflection in such a material requires a
model of type-II defects, responsible for the strain broaden-
ing. The following discussion is based on an assumption that
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the strain field in these samples is generated by threading
edge dislocations. For the pure edge type dislocation the rms
strain angular dependence was derived by Hordon and
Averbach,*®

5b*
(e(A,p)* = [m]ln<r—2)(2.45 cos® A +0.45 cos? ),

A3)

where A is the angle between the dislocation glide plane
normal and [/kI], vy is the angle between the dislocation Bur-
gers vector and [hkl], r, is the dislocation core radius, and r
is the upper limit for integration of the strain field in the
radial direction from the dislocation core. Equation (3) pre-
dicts that rms strain generated by pure edge dislocations
would weakly affect reflections from planes normal to the
slip plane but would contribute more strongly to broadening
of reflections originating from (kkl) planes less tilted with
respect to the slip plane. Results of studies of Fm3m (cal-
cium fluorite structure) symmetry compounds*’ along with
TEM data on ceria films?®2° indicate that (011) {001} is the
principal glide system in Fm3m materials. We note, from
Fig. 3(B), that in our samples the normal rms strain compo-
nent &, is much less than the lateral one ¢,,: there is notice-
able lateral broadening for reflections with large lateral scat-
tering vector component, at the same time normal
broadening stays unchanged. We interpret this observation as
strain broadening by edge dislocations with {100} set of glide
planes. Such a dislocation arrangement would influence sym-
metric (00/) reflections only through relatively weak cos” y
term in Eq. (3); at the same time width of asymmetric (hkl)
reflections with nonzero A angle would be affected by a
stronger cos” A term. Equation (3) describes strain field of an
isolated dislocation. X-ray diffraction detects the net field
strain field originating from an ensemble of dislocations. In
our case an array of parallel edge dislocations would produce
the strain field with the orientation term predicted by Eq. (3),
however, dependence of the net rms strain magnitude on the
dislocation density may strongly depend on the details of the
dislocation arrangement.*!

In the following analysis we assume that broadening of an
(hkl) reflection in direction I, ASi, is a sum of shape term
1/&; and the strain term proportional to 4¢;S;, i being either
x or z, & is the average domain size in the direction i, S,
=|S|-sin(¢), and S,=|S|-cos(¢), where ¢ is the inclination
angle (Fig. 2). This approach presumes that the normal com-
ponent of the deformation field u, is much less than the lat-
eral one u,, which is consistent with purely lateral strain.
Figure 7 shows the resultant dependence of both lateral AS,
and normal AS, broadening components, calculated from
RSMs shown in Fig. 3 as a function of the scattering vector
S projection on XI[110] and ZI[001] axes. All the four
samples appear unstrained in the normal direction; the only
source of the normal broadening is the finite scattering do-
main size §=23*+2 nm. This value agrees well with the
projected film thickness, 20 nm, and the thickness deter-
mined from XRR measurements, 21 =0.5 nm. The most
prominent difference between the samples is the lateral
broadening, which has two characteristics: (i) lateral scatter-
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FIG. 7. (Color online) Williamson-Hall plot for normal peak
broadening (Z component, open symbols) and lateral broadening (X
component, closed symbols) of 20 nm ceria films deposited on r-cut
sapphire and (001) YSZ. The anisotropic broadening information
was obtained from reciprocal-space maps shown in Fig. 3; the data
points are labeled by (hkl) indices of the corresponding reflections.
The connecting lines are linear approximation fits.

ing domain size &, determined as the intersection of AS,(S,)
line with the Y axis (ii) and lateral rms strain &, determined
from a slope of this line. The films on YSZ substrate have
very small lateral coherence length and high lateral strain.
Annealing produces both lateral grain growth and rms strain
reduction. The films on r-cut sapphire exhibit significantly
better structure, which further improves upon annealing.

Figure 8 summarizes the line profile analysis as time evo-
lution plots of the lateral domain size and rms strain for four
sets of samples: 20 nm CeO, films on YSZ and r-cut sap-
phire deposited at 650 and 700 °C. Consistently, low depo-
sition temperature produces smaller grains and high initial
rms strain. However, after approximately 2 h of annealing
films deposited on the same substrate converged toward a
common structural state, which changed little upon further
annealing. In the YSZ samples the grain growth saturated at
approximately 30 nm lateral size with 0.5% residual strain,
while the sapphire samples demonstrated much faster grain
growth with lateral domain size exceeding 100 nm and low
lateral rms strain value. We conclude from this that lateral
grain growth is closely correlated with relaxation of the lat-
eral rms strain. However, the process is strongly affected by
the type of substrate. Surprisingly the YSZ substrate, which
has better lattice match (5%) than r-cut sapphire (4% and
12%), exhibits slower grain growth and overall lower struc-
tural quality.

V. DISCUSSION

In this section we discuss two structural aspects of these
samples: the initial grain size and strain in as-deposited
samples and evolution of the grain structure and the strain
during the thermal annealing. Initial granularity in epitaxial
films is a consequence of Volmer-Weber growth
mechanism.*> During Volmer-Weber growth the epitaxial
phase nucleates as three-dimensional islands which expand
and coalesce into a continuous layer. This process is accom-
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FIG. 8. (Color online) Evolution of the lateral domain size &,
and lateral rms strain ,, with annealing time. Note stagnation of
grain growth in YSZ samples after 10 min of annealing.

panied by significant changes in character of the elastic
strain: the isolated islands are subjected to compressive
strain, which is replaced by tensile strain as the islands make
contact. The coalescence occurs spontaneously when the
overall system energy can be reduced by joining adjacent
sides of two growth islands into a grain boundary, as de-
scribed by several models.***> The spontaneous grain join-
ing process, also known as “grain-boundary zipping,” gener-
ates tensile strain. Thus a film with smaller initial grain size
is expected to be more strained than a film with larger grains.
Another source of elastic strain, specific to epitaxial struc-
tures, is caused by interaction between the substrate and the
film material. According to van der Merwe theory,*¢ the film-
substrate interface produces strain due to the mismatch be-
tween the lattice constants of the films and the substrate ma-
terial. The elastic strain in ceramic materials is rarely
uniform; it tends to relax via plastic flow and generation of
dislocations at the film-substrate interface and at the grain
boundaries.*’*% These dislocations produce oscillatory dis-
placement of the lattice which can be detected as rms strain
by x-ray diffraction.

Grain growth is one of the mechanisms capable of reduc-
ing energy stored in a film in the form of grain-boundary
surface energy and elastic energy associated with the initial
strain. The earliest model of grain growth in metals first pro-
posed by Burke and Turnbull* treats the grain-boundary mo-
tion as being driven by pressure differential associated with
the grain-boundary curvature. A kinetic equation based on
this consideration predicts square-root dependence of the
grain size on the postannealing time.*’ Study of grain-growth
kinetics in Ce,3Gdj,0,9_, ceramic (polycrystalline) films
with <100 nm grains by Rupp et al.>’ demonstrated that in
these samples curvature-driven Burke-Turnbull grain kinetics
is only observed at temperature >1100 °C after the rms
strain is completely relaxed. At this temperature the ceramic
structure evolved in recovery-grain-growth sequence, typical
for highly deformed materials.’! At lower temperatures, the
grain growth was observed to be consistent with grain-
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FIG. 9. (Color online) Correlation of the lateral coherence
length &, with the lateral rms strain ¢,,. The dashed vertical line is
2.5 thickness limit for the normal grain growth predicted by the
Mullins thermal grooving model (Ref. 56). Note that &, for YSZ
sample is on the left side of the line. Filled triangles are data on
ceramic films, digital data kindly provided by Rupp et al. (Ref. 50),
and stars are data on isolated nanocrystals adapted from Zhang et
al. (Ref. 12). For these data sets the rms strain and the grain-size
values were derived from powder diffraction spectra. The solid lines
are e & @ fits, @=0.87+0.13 for the films and @=2.1%x0.06 for
the ceramic.

boundary diffusion and gradual rms strain relaxation. In
these ceramic films the grain growth was limited to 50 nm,
possibly due to solute drag effect and/or impurity accumula-
tion at the grain boundary.

Close relationship between the grain size and the rms
strain in our samples is demonstrated in Fig. 9, where we
correlate the rms lateral strain with the lateral coherence
length &, using the data shown in Fig. 8. Data for nan-
ograined Ce(3Gd,,0; ¢_, ceramic films provided by Rupp>
are also plotted as closed triangles; data on isolated nano-
crystals adapted from work of Zhang et al.'?> are plotted as
stars. Data for the ceramic and the nanocrystallites were cal-
culated from powder diffraction spectra, thus representing an
orientation average of the grain size and the rms strain.
These sets of data can be classified as (i) a two-dimensional
case of a film with columnar grains with free surface and
vertical low-angle grain boundaries, (ii) a three-dimensional
case of a ceramic film with interconnected high-angle grain
boundaries, and (iii) the isolated unsupported ceria crystal-
lites.

Isolated ceria crystallites are practically dislocation-free,
as indicated by very low level of rms strain in these samples.
Low dislocation content in submicron crystals is due to high
surface area, which creates multiple routs for the dislocation
escape and is often referred as ‘“dislocation starvation”
effect.>> Both ceramic and film samples show high level of
initial or “as grown” defects, which annihilate as the grain
growth is initiated by the high-temperature annealing. The
solid lines represent ex&  fits, best fit exponent values be-
ing a=0.87%0.13 for the 20 nm ceria films and «
=2.1%0.6 for the ceramic. The initial strain dependence on
the grain size in thin films was explained by Seel and
Thompson®® who numerically modeled average lateral strain
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() associated with the island zipping and found that (&)
o« R™*, where R is the average island radius and « is an ex-
ponent varying from 0.9 to 1.4, depending on the island-
substrate contact angle. The same model predicts that the
grain-boundary zipping would produce normal strain less
than 5% of the lateral component, in agreement with the
absence of &, rms strain demonstrated in Fig. 7. We con-
clude from Figs. 7 and 9 that dependence of the initial rms
strain on the lateral grain in as-deposited films can be ac-
counted by dislocations generated by relaxation of elastic
deformation of interconnected Volmer-Weber islands. This
also implies that the defect structure of these samples is
dominated by the grain coalescence rather than by the film-
substrate interface.

During annealing we observe a natural process of strain
relaxation and grain growth. We can use the Hordon-
Averbach result [Eq. (3)] to clarify how defect annihilation is
related to the grain growth. Omitting unessential factors in
Eq. (3) and equating the upper integration limit r to the av-
erage distance between the dislocations 4,* we obtain &
«b/h. If number of dislocations within a grain is Ny, h
=(R?*/N,)"?, where R is the grain diameter, hence &
OcbN(l,/z/R if N, stays constant £ 1/R. The approximation
for the 20 nm films in Fig. 9 can be interpreted as a combi-
nation of grain-size dependent initial strain and redistribution
of a constant number of dislocations within the growing
grains; the annihilation of dislocations seems to be taking
place only in the collapsing grains. This model fails to ex-
plain faster relaxation of strain in ceramics, £ 1/R?. The
important difference is that in a ceramic grain boundaries are
mostly of the high-angle type, while in an epitaxial film all
the grain boundaries are low-angle ones. High-angle bound-
aries generate higher strain, at the same time they are known
to absorb dislocations far more readily than low-angle grain
boundaries.>*> We attribute the difference in the relaxation
behavior between the epitaxial films and the ceramics in Fig.
9 to higher dislocation absorption rate by high-angle grain
boundaries.

Experimental uncertainties of grain-size time depen-
dences shown in Fig. 8 do not allow us to rule out the
Turnbull-Burke mechanism in favor of grain-boundary diffu-
sion. We note, however, that the time evolution of grain size
of ceria deposited on r-cut sapphire at 650 °C has extensive
linear part, a clear deviation from the Turnbull-Burke predic-
tion. This observation and the fact that films on r-cut sap-
phire grows to much larger lateral diameter than films on
(001) YSZ suggest two qualitatively different growth mecha-
nisms.

Summarizing the observations we can classify grain
growth in ceria films on (001) YSZ as normal. The most
distinct feature of normal grain growth is monomodal distri-
bution of grain sizes. The grains expand uniformly until
larger grains, with more than seven sides consume grains
with fewer sides and start to impinge on each other.’” Mono-
modal grain-size distribution in (001) YSZ samples is con-
firmed by AFM profiles and a high fidelity approximation of
rocking curves by a single pseudo-Voigt function: an ex-
ample is shown in Fig. 6(B). It is well known that normal
grain growth in two dimensions is limited by the sample
thickness: once the lateral grain size reaches two to three
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times thickness of a film® or a sheet® the grain growth
practically stops. It has been shown by Mullins’®% that this
effect occurs due to pinning of the grain boundaries by ther-
mal grooves developing at a later stage of grain growth.
Qualitatively, the effect can be explained by slow kinetics of
normal growth, which allows for appreciable surface mass
transfer and groove formation. The 2.5X thickness limit is
shown by a dotted line in Fig. 9, notably that all the (001)
YSZ samples are on the left side of this line. Thermal groov-
ing is well confirmed in oxide ceramics with micron-size
grain boundaries:®! however it is not clear whether rounded
slopes on AFM profile in Fig. 6(B) can be interpreted as
such. An alternative explanation would be grain-growth stag-
nation by solute drag or impurity buildup in grain bound-
aries. We note that grains in films on r-cut sapphire deposited
under identical conditions well exceed the 2.5X thickness
limit, strongly suggesting thermal grooving as the grain-
growth limiting mechanism.

To understand how (001) CeO, grains on r-cut sapphire
are capable of growing much larger than the same material
on (001) YSZ given similar initial grain size we have to
consider the possibility of abnormal grain growth. Abnormal
or secondary grain growth activates when a small number of
grains gain a small energetic or kinetic advantage over the
rest of the grain population.®? This type of grain growth is
widely encountered in various systems, the important appli-
cations of the phenomenon are the formation of (110)[100]
(Goss) texture in Fe-Si alloy®® used as a core in modern
transformers and (001)[100] texture in fcc metals, such as
Ni,% which finds application as a substrate for superconduct-
ing tapes produced by cold rolling-recrystallization
(RABITS) process® and low-resistivity copper films.®® Ab-
normal grain growth is supported by energy stored in small
grains adjacent to the abnormal grain, therefore rate of this
growth changes little over time.”’ In contrast normal grain
growth stops once the growing grain depletes its stored en-
ergy. This allows abnormal grains to achieve extraordinary
dimensions and avoid thermal grooving boundary pinning.
Additionally, abnormal grains in metals are known to contain
about ten times less threading dislocations than normal
grains, giving abnormal grains an extra energetic
advantage.®7-68

Abnormal growth can be activated by a variety of condi-
tions, such as initial grain-size fluctuations, grain-boundary
energy anisotropy, mobility variations, and combinations of
these factors.%? In a thin film, substrate-film interface and
free surface energy play significant roles in grain-growth ki-
netics. As pointed out by Frost et al.,%° even a gain of several
percent in the free surface energy would allow an abnormal
grain to overcome the Mullins barrier and grow to a lateral
dimension well over the 2.5X thickness limit. In a majority
of metals the abnormal grains have favorable orientation
compared to the rest of the population, thus being capable of
rapid growth due to anisotropy of the grain-boundary energy.
This mechanism seems unlikely in our case since 26 and w
scans did not reveal presence of significant amount of texture
other than (001). We suggest that the abnormal grains,
present in the initial population, are much larger in addition
to being possibly better oriented and less strained than the
rest. This hypothesis is supported by correlating CeO, (004)
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o scans with the surface morphology of the two films shown
in Fig. 6(A). The average initial grain size determined from
AFM profiles in Figs. 6(A) and 6(B) is almost identical,
however the AFM profile of the sapphire sample in Fig. 6(A)
clearly indicates grain-size fluctuations, some grains appear-
ing larger than the others. After 10 min of processing, bimo-
dal grain-size composition starts to show in @ scan as sup-
ported by the two-curve approximation in Fig. 6(A), whereas
(001) YSZ sample stays monomodal throughout the process-
ing. We do realize that bimodal rocking curves of epitaxial
structures are known to have various origins, such as special
dislocation structure,® diffuse scattering from pointlike
defects,”® and transition from large to small-grain structure in
the upper portion of the film.?® The following evidences sup-
port the bimodal scenario: (i) the ratio between amplitude of
two approximation components stays the same as the reflec-
tion order increases from (002) to (004), thus making defect-
induced mechanism unlikely; (ii) development of a sharp
w-scan component closely correlates with development of
grainlike features on AFM profiles.

Not only type of substrate but also state of the substrate
surface determines whether abnormal grain growth is acti-
vated. Figure 4 shows that 2.2° miscut of r-sapphire sub-
strate effectively suppressed the abnormal growth. Both
AFM and rocking curve analysis indicate that the initial
grain distribution stayed uniform, consisting of elongated
grains 13 nm wide and 30 nm long. The shortest-grain length
corresponds to the terrace width of the miscut r-cut sapphire:
at 2.2° miscut angle it is 14 nm. Most likely, higher rough-
ness of the miscut substrate increases the nucleation density
and prevents formation of large grains, which are essential
for the initiation of the abnormal growth, at the same time
normal growth is limited by the substrate terrace width, thus
producing small grains.

VI. CONCLUSION

This work demonstrated the effective use of reciprocal-
space mapping for quantitative analysis of grain-growth ki-
netics in (001)-oriented ceria films deposited on two types of
substrates: (001) YSZ and r-cut sapphire. X-ray diffraction
profiles of these samples are dominated by domain broaden-
ing and lateral rms strain originating from grain boundaries.
The average lateral grain size was found to be inversely pro-
portional to the lateral rms strain. After isothermal annealing,
films on r-cut sapphire exhibited faster grain growth and
better structural quality than identical films deposited on
(001) YSZ. We ascribe the difference to the onset of abnor-
mal grain growth, which arises due to large fluctuation of the
initial grain size in the films on r-cut sapphire. The nonuni-
form grain-size distribution is corroborated by AFM surface
profile and rocking curve analysis. The effect is suppressed
by a 2.2° miscut due to monomodal grain-size distribution in
a miscut sample. The result proves that abnormal grain
growth can be utilized to achieve large terminations of high-
energy oxide surfaces in very thin films. It still remains un-
clear how the substrate surface chemistry is related to the
grain-size distribution. One possibility is large nanoscale
fluctuations of cohesion energy between (1210) sapphire and
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ceria (001) surfaces, which leads to nonuniform nucleation.
This hypothesis has to be confirmed by detailed surface
analysis of various substrates.
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